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a b s t r a c t
Non-polar a-plane gallium nitride (GaN) ﬁlms have been grown on r-plane ð1102Þ sapphire by metal
organic vapour phase epitaxy (MOVPE). A total of ﬁve in situ defect reduction techniques for a-plane GaN
are compared, including two variants with a low temperature GaN nucleation layer (LTNL) and three
variants without LTNL, in which the high-temperature growth of GaN is performed directly on the
sapphire using various crystallite sizes. The material quality is investigated by photoluminescence (PL),
X-ray diffraction, cathodoluminescence, atomic force and optical microscopy. It is found that all layers
are anisotropically strained with threading dislocation densities over 109 cm2. The PL spectrum is
typically dominated by emission from basal plane stacking faults. Overall, growth techniques without
LTNL do not yield any particular improvement and even result in the creation of new defects, i.e.
inversion domains, which are seldom observed if a low temperature GaN nucleation layer is used. The
best growth method uses a LTNL combined with a single silicon nitride interlayer.
& 2014 The Authors. Published by Elsevier B.V. This is an open access article under the CC BY license
(http://creativecommons.org/licenses/by/3.0/).
1. Introduction
Hexagonal gallium nitride (GaN) presents two stable growth
directions inclined at 901 angle to the c-direction. Respectively
named a for ½1120 and m for ½1100, these growth directions are
referred to ‘non-polar’ as they are perpendicular to the piezo-
electric and spontaneous dipole moments along the c-axis [1].
Hence, it is possible to grow quantum wells with an absence of an
internal electrical ﬁeld along these directions [2,3]. For (Al)(In)GaN
quantum wells or dots grown on these planes, the quantum
conﬁned Stark effect is thus theoretically prevented, leading to
shorter radiative lifetimes [4] and a potentially higher efﬁciency [5].
In-plane anisotropic strain is also present in a-plane or m-plane
non-polar heterostructures, due to the different lattice mismatch
respectively along the in-plane c and m, or c and a directions. This
effectively lifts the spatial degeneracy of the valence subbands [6]
and results in the emission of linearly polarised light for a-plane [7]
and m-plane [8] heterostructures.
In this study, we focus on a-plane GaN, as this orientation can be
grown on r-plane sapphire [9,10] using metal organic vapour phase
epitaxy (MOVPE). High quality a-plane GaN bulk substrates are
commercially available [11], but their current high price restricts their
use to research projects or high value devices. Therefore numerous
efforts [12] have been made to achieve hetero-epitaxial a-plane GaN
on r-plane sapphire of a similar quality to c-plane GaN on c-sapphire.
Many of the a-plane GaN in situ defect reduction techniques are
inspired by standard c-plane recipes [13]: the use of GaN low-
temperature nucleation layers (LTNLs) grown in hydrogen or nitro-
gen carrier gas [14–17], high- or low-temperature aluminium
nitride nucleation layers [14,18–20] and the deliberate delay of
island coalescence via three dimensional to two dimensional
growth mode transitions (3D2D) [21,22,17]. Some other techniques,
also derived from c-plane recipes, are based on growth interrup-
tions by the inclusion of interlayers: single or multiple silicon
nitride ( SiN x) interlayers [23,24,21,17] or scandium nitride inter-
layers [25], which can be followed by a 3D growth step [12]. Lastly,
novel growth techniques have been explored, such as high silicon
doping [26] or epigrowth without the use of a nucleation layer, i.e.
‘direct growth’ on r-plane sapphire at high temperature [27–29].
Despite the large variety of approaches, the overall success has
been limited. Typical, a-plane GaN layers grown on r-plane
sapphire show numerous basal plane stacking faults (BSFs) with
a density of the order of 105 cm1. In addition to BSFs, the typical
threading dislocation densities (TDDs) are above 109 cm2 [17],
whereas c-plane GaN layers usually show only TDDs around
107–108 cm2 and no BSFs [13]. It is possible to reduce these
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numbers using patterned substrates [12] but at the cost of
complex initial processing steps and a larger buffer thickness. In
this case, wafer bowing becomes problematic [30], due to the
thermal mismatch between GaN and sapphire, which creates large
thermal gradients across the surface. This leads to a poor homo-
geneity, particularly in the subsequent growth of heteroepitaxial
layers. This issue provides a strong motivation to understand and
improve in situ defect reduction techniques for hetero-epitaxial
a-plane GaN.
In this work, we investigate the impact of low-temperature
nucleation layers on the material quality, by comparing direct three-
dimensional growth on r-plane sapphire [27–29] (without a nucleation
layer), with more established procedures which involve the use of a
low-temperature GaN nucleation layer (LTNL), combined with either a
SiN x interlayer or a 3D to 2D growth transition. We also consider the
impact of the reactor conditions of the 3D layer grown directly on
sapphire on the structural quality of the resulting a-plane GaN epilayer.
2. Experimental
The a-plane ð1120Þ GaN layers are grown using a Thomas Swan
6 2 in metal-organic vapour phase epitaxy (MOVPE) reactor on
commercial r-plane ð1102Þ sapphire wafers (Kyocera) with
0.2570.11 miscut off to a-plane. The gallium and indium pre-
cusors are trimethylgallium (TMG) and trimethylindium (TMI)
respectively. The nitrogen source is ammonia (NH3) and the silicon
source is silane (SiH4) dilluted in hydrogen (H2). The total reactor
ﬂow is kept constant at 20 standard litres per minute (SLM) by
balancing the ﬂow rates of the carrier gas and NH3. Unless
otherwise speciﬁed, the total reactor pressure is 100 Torr and H2
is used as the carrier gas. The growth temperatures quoted are that
of the sample susceptor, as measured by an emissivity-corrected
pyrometer (Laytec) operating at 950 nm, calibrated against a
black-body source.
Prior to the actual growth, all processes are initiated by
annealing the sapphire substrate in NH3 (3 SLM) at 1050 1C for
8 min. Then, for samples using a low temperature nucleation layer
(LTNL), the temperature is ramped down to 550 1C, the LTNL is
grown using TMG (90 μmol/min) and NH3 (1.5 SLM) at 500 Torr
for 140 s. Depending on the recipe, a 2D growth step can then be
used to achieve planar growth: TMG (610 μmol/min) and NH3
(0.8 SLM, V:III ratio of 60) at 1030 1C. Alternatively, a 3D growth
step can be used to generate faceted islands: TMG (240 μmol/min)
and NH3 (10 SLM, V:III ratio of 1900) at 1050 1C at 300 Torr.
All samples have a ﬁnal thickness of ca. 4.5 μm. The ﬁve
different growth procedures are described below and the samples
are named in the text after the acronym of their growth method:
 LT-SiN: Following the anneal of the sapphire, a LTNL is used and
then a 600 s 2D growth steps is carried out. A single SiN x
interlayer is then grown at 900 1C using SiH4 (0.2 μmol/min)
and NH3 (10 SLM) for 180 s. Following 360 s of subsequent 3D
growth, the sample surface is planarised using 2D growth
conditions for 1860 s.
 LT-3D : Following the growth of a LTNL, a 3D growth step is
carried out for 600 s [22], after which the surface is planarised
using 2D growth for 2100 s.
Three other samples are grown using direct growth methods in
which the GaN epigrowth is performed at high temperature,
without a LTNL, directly after the sapphire annealing step:
 d3D-300 : Growth is directly initiated with a 3D step at
300 Torr for 600 s, followed by 2D growth for 2100 s.
 d3D-100 : An alternative approach to the method above
involves the 3D growth step being carried out at reduced
pressure (600 s, 100 Torr), followed by 2D growth for 2100 s.
 d3D-Si : Here, the 3D islands grown directly on the sapphire are
highly doped with Si above 1019 cm3 [26]. Growth starts with
a short undoped 3D step (60 s) to initiate GaN island formation
and then continues for 600 s with an additional silane ﬂux
under the following conditions: TMG (170 μmol/min) NH3
(0.8 SLM, V:III ratio of 210) and SiH4 (0.2 μmol/min), a tem-
perature of 1050 1C and a pressure of 100 Torr. The total ﬂow is
reduced to 6 SLM with H2 (5 SLM) for this speciﬁc step, in
which the growth of highly Si-doped 3D islands occurs. The
complete procedure is thus sapphire annealing, 3D growth
(60 s), highly Si-doped 3D growth (660 s), 2D growth (2100 s).
Finally, all the samples are terminated with a surface treatment
using SiH4 (0.2 μmol/min) and NH3 (8.2 SLM) at 860 1C for 240 s to
increase the size of the pits related to threading dislocations at the
sample surface. This technique has been primarily developed for
the analysis of ð0001Þ GaN layers by atomic force microscopy [31]
but has also been applied previously for a-plane GaN [32].
An InxGa1 xN layer was grown on one sample without a SiH4
surface treatment. Growth of a single InGaN layer is the very ﬁrst
step toward GaN-based light emitting diodes (LEDs). The different
chemical nature of the InGaN layer also affects the surface
termination of extended defects. For example, the dislocation pits
found at the surface of a c-plane InGaN layer are often much larger
that those appearing on GaN layer [33]. Here, the a-plane
InxGa1 xN growth was performed for 2500 s at 710 1C and
300 Torr using TMI (8 μmol/min), TMG (6 μmol/min) and NH3
(10 SLM) with nitrogen N2 (10 SLM) as a carrier gas. The InGaN
thickness is approximately 40 nm. X-ray diffraction reciprocal
space maps of the 110, 201 and 300 reﬂections show that the
InxGa1 xN layer is fully strained and that the composition is
x¼ 0.04570.005.
The surfaces of the samples were observed using differential
interference contrast (DIC) optical microscopy (also known as
Normarski microscopy). Atomic force microscopy (AFM) was
performed using a Veeco Dimension 3100 in tapping mode using
‘rotated tapping mode etched silicon probes’ (RTESP) with a
nominal end radius of 8 nm.
Plan-view SEM-CL experiments were performed at room and
low temperature (90 K) using a Philips XL30 scanning electron
microscope (SEM) operating at 5 kV. This microscope is equipped
with a Gatan MonoCL4 system with both photon multiplier tube
(PMT) and charge-coupled device (CCD) detectors. The CL spectra
are extracted from hyperspectral maps by summing the contribu-
tion of each pixel from a homogeneous square area of 1 μm2 (88
pixels). This way, each spectra represents the emission from a
chosen zone and the risk of sampling a non-representative defect
is minimized.
High resolution X-ray diffraction (XRD) was performed using a
Panalytical MRD diffractometer, equipped with a symmetric 4-
bounce monochromator and a 3-bounce analyser to select the
CuKα1 wavelength. First, a simple symmetric scan with an open
detector (no analyser) was acquired over the whole range of ω to
check that the sample only consists of a-plane GaN, with no other
detectable orientation or inclusion. Second, a speciﬁc experiment
was designed to acquire the rocking curves of the symmetric
reﬂections (110) and (220) in all the in-plane directions, as the
anisotropy between the in-plane c and m directions can be used to
qualify the layer quality [24]. To evaluate these properties in a
systematic fashion, ω–ϕ maps were acquired for each sample,
where ω is the angle between the incident X-ray beam and the
sample normal and ϕ the rotation angle around the sample
normal. Using this technique, a rocking curve in ω is determined
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for each in-plane orientation, for every 21 in ϕ. The in-plane m
orientation, ϕ¼ 0 on the ω–ϕ map, is determined using the
asymmetric (300) reﬂection. The count rate was normalized with
respect to the open-beam count rate for each sample to compen-
sate for the ageing of the Cu cathode (approx. 10% signal decrease
between the ﬁrst and last sample analysis by XRD).
Temperature dependent photoluminescence (PL) spectroscopy
was performed using a closed-cycle helium cryostat at 6 K. A
continuous wave laser HeCd at 325 nm was used to excite the
samples at an energy above the GaN barrier bandgap. The
luminescence was focused onto 0.5 mm slits of a 0.85 m double
grating spectrometer equipped with a Peltier-cooled GaAs photo-
multiplier tube. The spectra were recorded with signal lock-in
processing techniques.
As the HeCd laser absorption length is ca. 350 nm for 99%
absorption in GaN (ignoring any carrier diffusion at 6 K), the
photoluminescence experiments only probe the uppermost
350 nm of the sample. Here, the thickness of top-most GaN layer
is in excess of 1.5 μm and the same ﬁnal growth condition (‘2D
growth’) are used for all the samples. The 3D islands, the islands
coalescence and the associated defect reduction thus occur far
away from the area probed by PL. The PL can then be used to
monitor the efﬁciency of the different defect reduction techn-
iques by sampling the extended defects that remains in the top-
most layer.
3. Results
3.1. Surface morphology
All samples were observed using DIC microscopy at different
stages of the growth process. The corresponding images are shown
Fig. 1. The micrographs in the top row of the ﬁgure show the 3D
islands prior to the 2D coalescence step for the samples incorpor-
ating a 3D to 2D growth transition. This data is not presented for
the sample ‘LT-SiN’ since it does not use the same kind of 3D–2D
transition (the 3D growth time is only 360 s). Depending on the
growth method, the 3D layer can show dense and small crystallites
or large and scattered crystallites. This is controlled by various
means, such as the annealing time of the nucleation layer, if there
is one. For direct growth methods, ‘d3D-xxx’, the island density
can be varied through the pressure at which the 3D growth
step is performed, with lower pressures favouring low densities,
Fig. 1(c, top) and (d, top). The shape of the crystallites, i.e. the
exposed facets and the aspect ratio, can also be altered by the
presence of impurities such as high silicon doping, which leads to
elongated crystallites aligned along the c-direction, Fig. 1(e, top),
conﬁrming an earlier report [26].
The micrographs at the bottom row of Fig. 1 show the sample
surface after the coalescence stage. The sample surfaces exhibit
large-scale undulating features, which are elongated along the in-
plane c-direction. The feature size relates to the crystallites size at
the end of the 3D growth. This morphology is quite common for
non-polar GaN layer, for example such ‘striations’ were described
by Sun et al. [34].
The coalesced layers were also investigated by AFM. All
samples were found to share similar microscopic morphologies
as that shown in Fig. 2(a) (of the ‘d3D-Si’ sample), with high
densities of shallow dislocation pits and step-like features per-
pendicular to the c-direction, sometimes terminating at disloca-
tion pits. Such characteristics have already been reported [32] and
a large fraction of the dislocation pits is believed to originate from
partial dislocations (PD). Due to the small variations in height z, we
present alongside the actual topographic data the simultaneously
recorded amplitude error image in Fig. 2(b) (which tends to
highlight the region of steep slopes). The average TDD of each
sample and its standard deviation, as listed in Table 1, were
determined after analysing 4 AFM images (22 μm2) per sample,
with each image containing over a hundred dislocation pits. The
AFM analysis reveals that although all the growth procedures
give TDDs in the range of 109–1010 cm2 the three ‘d3D’ samples
have the lowest TDD while the ‘LT-3D’ growth method gives the
highest TDD.
3.2. X-ray diffraction
A typical ω–ϕ map of the (110) reﬂection for the ‘d3D-100’
sample is shown Fig. 3(a). It illustrates three key pieces of
information: (1) the variation of the full width at half maximum
of the rocking curve (ω-FWHM) with the in-plane orientation ϕ
(white arrows indicate those of the m- and c- directions), (2) the
variation of the diffracted intensity represented by the colours of
the logarithmic colour scale and (3) the shift of the peak position
in ω relative to the ideal symmetric conﬁguration ω¼ θ (vertical
black line) measured by a positive or negative offset angle (black
arrow). The offset angle is related to the (110) plane misalignment
with the sample normal [35] and possibly the sapphire wafer
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Fig. 1. DIC images of the sample surface before and after the ﬁnal coalescence (2D growth step). Scale bar (10 μm) and orientation versus the crystalline axes are the same for
all images. Depending on the growth method, different crystallites (size, shape, density) are used, top row, prior to the formation of the ﬁnal surface, bottom row.
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miscut. Therefore when the offset angle is nil, near ϕ¼ 0 in this
case, the sample is actually misaligned in χ, the angle between the
X-ray plane of incidence and the sample surface [35]. To minimise
the effect of this misalignment, the XRD diffractometer is operated
in a line-focus mode, where the typical FWHM along χ is more
than 1.51. The typical offsets angle in this study are less than 0.251,
which typically results in an error of 5% for the ω-FHWM
measurement and the peak intensity at the maximum misalign-
ment. Peak ﬁtting using a pseudo-Voigt function was performed
on selected rocking curves and the peaks were all found to be near
Gaussian (480% Gaussian, o20% Lorentzian), which is often the
case for defective layers. Therefore, a simple Gaussian ﬁt was used
to extract the values of the ω-FWHM, Fig. 3(b), and the peak
intensity, Fig. 3(c), for all the samples.
Fig. 3(b) reveals that samples based on 3D growth, (‘LT-3D’,
‘d3D-100’, ‘d3D-300’, ‘d3D-Si’) with or without a LTNL, all have a
highly anisotropic ω-FWHM values. For these samples, the ω-
FWHM along the m-direction is more than twice of that along the
c-direction, for which the narrowest ω-FWHM values (500 arcs)
are found for samples ‘LT-3D’ and ‘d3D-Si’. The sample with a
silicon nitride interlayer, ‘LT-SiN’, behaves quite differently with
narrow and near isotropic ω-FWHM values. For this sample, the
ω-FWHM variation is small (10%) and reversed compared to the
other samples: the ω-FWHM along m (446 arcs) is lower than
along c (505 arcs). This effect has been previously observed for
similar SiN x samples [24]. The values of theω-FWHM for the (110)
and the (220) reﬂections of all the samples are reported in Table 2.
The XRD peak intensity, as shown in Fig. 3(c), follows the
inverse variation of the ω-FWHM: a narrow ω-FWHM correlates
with a large signal and a large ω-FWHM with a weak signal. The
sample ‘LT-SiN’, with the narrowest and the most isotropic ω-
FWHM, shows a signal more than a decade higher than the other
samples.
It can be seen from Table 2 that the ω-FWHM values from the
(220) reﬂection are slightly lower than those of (110) for all positions.
Although the differences are small, about 1–3%, they are consistent
for all samples. This surprising result is likely due to an artefact in the
measurement protocol. To maximise the signal, the X-ray beam
width was kept constant (1.2 mm) during the measurements, leading
to a larger illuminated area for the (110) reﬂection (2.5 mm wide,
ωC28:91), than for the (220) reﬂection (1.3 mm wide, ωC74:81).
Fig. 2. AFM images of the coalesced surface of the ‘d3D-Si’ sample. (a) Topographic image, z-scale 5 nm. (b) Corresponding amplitude error image.
Table 1
Threading dislocation densities (TDDs) and stan-
dard deviations, statistically determined from four
22 μm2 AFM images per sample.
Sample TDD (109 cm2)
LT-SiN 4:070:5
LT-3D 7:070:6
d3D-300 2:370:6
d3D-100 4:170:5
d3D-Si 3:270:1
+offset
-offset
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Fig. 3. (a) Omega-phi map of the symmetric reﬂection (110) of the ‘d3D-100’
sample. (b) and (c) Parameters of each sample, ω-FWHM (linear scale) and peak
intensity (log scale), issued from the Gaussian ﬁt of the rocking curves.
Table 2
ω-FWHM of the symmetric reﬂections (110) and (220), along the c and the m
directions, computed from ω–ϕ maps using a Gaussian ﬁt (see Fig. 3).
Sample 110 (arcs) 220 (arcs)
c m c m
LT-SiN 515 460 505 445
LT-3D 660 1150 630 1120
d3D-300 880 2630 870 2650
d3D-100 620 1800 590 1770
d3D-Si 535 1090 530 1080
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Together with the small radii of curvature (see Table 3), the large
illuminated area for the reﬂections leads to an overestimation of the
ω-FWHM values. As the reﬂections are very broad, this effect is
relatively small: 1–2% widening for the ω-FWHM of the (110)
reﬂections and approximately 0.2–0.5% for the (220) reﬂections.
Other artefacts could also have been introduced during the Gaussian
ﬁtting process, due to the large absolute intensity difference between
the (220) and (110) reﬂections. For future analysis, the ω-FWHM of
the (110) and (220) reﬂections are considered equal, within 5% error.
We will now discuss the epilayer strain measurements. The out-
of-plane lattice spacing, a, was measured on each sample, using an
omega-2theta map of the (220) reﬂection at room temperature. For
the relaxed GaN parameter, we use a0 ¼ 3:1893 Å [36,37], enabling
us to compute the vertical component of the strain ϵa ¼ ðaa0Þ=a0.
For each sample, the anisotropic wafer bow (in the m- and
c- directions) was computed from a series of ﬁve rocking curves of
the (220) reﬂection following the method described in [38]. The
sample was moved by steps of 5 mm. The results are summarized
in Table 3.
All samples share similar strain states and anisotropic bowing.
The out-of-plane direction is under tensile stress at room tem-
perature which indicates that the wafer is under in-plane com-
pressive stress, at least along one of the in-plane directions.
Depending on the sample structure, as well as small thickness
variations, the actual strain varies between the layers: the sample
‘LT-3D’ shows the smallest strain, the sample ‘d3D-Si’ the largest
strain, while the other samples (‘LT-SiN’, ‘d3D-300’ and ‘d3D-100’)
have comparable strain. The curvatures of the wafer are all convex
[39] and anisotropic [30], with the radius of curvature along the
c-direction being roughly half of that along the m-direction.
Convex bowing is typically observed for GaN layers grown on
sapphire and stems from the thermal mismatch between the GaN
layer and the sapphire substrate, as the thermal expansion
coefﬁcients of sapphire are larger than those of GaN [30,39,40].
3.3. Photoluminescence
To investigate their optical quality, the samples were studied by
photoluminescence at 6 K. In non-polar GaN epilayers, speciﬁc
defects have been shown to be optically active, such as basal plane
stacking faults (BSFs) [41,42].
The normalized spectra for all the samples are shown in Fig. 4.
In general two or three emission bands are found in each sample,
the GaN near-band edge peak (NBE) near 3.49 eV which we
associate to donor bound excitons D0X [42,30,43], the I1 BSF peak
at 3.44 eV [42], and some weak overlapping emission peaks
between 3.25–3.40 eV, which are potentially due to donor-
acceptor pair recombination [44] or prismatic staking faults
(PSF) [45]. For all samples, the strongest emission peak does not
originate from the GaN D0X but from the BSFs. The ratio of the
relative intensity of these two peaks (D0X:BSF) correlates with the
BSF density. The spectra in Fig. 4 are normalised to the peak of
BSF-related emission and therefore the least defective sample, i.e.
the one with the smallest BSF density, shows the strongest D0X
peak. At best the ratio of the peak value of the D0X peak to of the
BSF peak is 1–1.12 for the ‘LT-SiN’ sample, while it is much lower
for the other samples. The values of the ratios D0X:BSF and D0X:
PD/PSF are summarized in Table 4.
The D0X peak shift between the different sample correlates
well with the XRD strain state measured at room temperature.
Fig. 5 shows the energy of the D0X peak, ED0X, against the out-of-
plane strain ϵa from Table 3. The BSF peak energy (not shown) is
also observed to shift with the strain.
As reported by Roder et al. [30] on a-plane GaN layers, the D0X
peak energy is known to shift with the stress in the layer. The
correlation observed in Fig. 5 between the XRD strain state at
room-temperature and the shift of the of the D0X PL peak at low-
temperature can be qualitatively understood as follow. At the
growth temperature (1300 K) the GaN layers are mostly
unstrained. At room temperature (XRD 300 K) the layers are
stressed due to the thermal mismatch between the GaN and the
sapphire. Further cooling to liquid helium temperature (PL 6 K)
intensiﬁes the existing strain states proportionally to the tem-
perature difference. Consequently, as long as the strain remains in
the elastic regime and the temperature difference between the PL
and the XRD is constant, the PL energy shift observed at low
temperature correlates with the strain state at room-temperature.
3.4. Cathodo-luminescence
The samples were furthermore characterised by SEM-CL at
room temperature. Panchromatic CL and SEM images of the
sample surface are shown in Fig. 6(a) for the ‘LT-SiN’ sample, in
Fig. 6(b) for the sample ‘d3D-100’ and in Fig. 6(c) for the sample
‘d3D-Si’. The CL images are characterised by bright regions which
are bounded by a narrow trench (visible in the SEM). The false
coloured ‘SUM’ images, generated by summing the SEM (green
channel) and the CL (red channel) images, illustrate the fact that
all the bright regions are enclosed by narrow ditches. The density
and the size of the bright regions depend on the growth methods.
Table 3
Strain measurement by XRD: out-of-plane lattice parameter a, vertical strain, and
the anisotropic wafer bow (radii of curvature) along the in-plane m- and
c-directions. The negative values of the radii indicate a convex shape.
Sample a (Å) ϵað103Þ Rc (m) Rm (m)
LT-SiN 3.1929 1.13 2.8 3.6
LT-3D 3.1917 0.75 3.7 7.4
d3D-300 3.1927 1.06 3.0 5.4
d3D-100 3.1926 1.03 3.4 5.8
d3D-Si 3.1933 1.27 2.3 4.7
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Fig. 4. Low temperature photoluminescence (6 K) spectra of the a-plane GaN
samples. Three emission bands are identiﬁed, GaN D0X at 3.49 eV, I1 BSF at 3.44 eV,
other defects (potentially PD or PSF) between 3.25 and 3.40 eV.
Table 4
Comparative PL signal strength (peak values) between the different emission
bands: GaN D0X at 3.49 eV, I1 BSF at 3.44 eV, other defects (PD or PSF) between
3.25 and 3.40 eV.
Sample D0X:BSF D0X:PD/PSF
LT-SiN 1:1.1 1:0.1
LT-3D 1:6.6 1:0.4
d3D-300 1:3.5 1:0.5
d3D-100 1:3.6 1:0.8
d3D-Si 1:1.7 1:0.5
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Small bright regions are observed rather infrequently on the ‘LT-
SiN’ sample while numerous bright regions are observed on the
‘d3D-100’ sample, with the largest ones being observed on ‘d3D-Si’
sample. The trenches surrounding those features can be directly
observed by optical DIC microscopy, Fig. 6(d) and (f), although
some may lie at the resolution limit (Fig. 6(d) arrow).
Spectrum imaging is shown Fig. 7, in which the GaN data is
provided by the sample ‘d3D-Si’. For each observation, a single
hyperspectral map is acquired, featuring at least a dark area and a
bright area. The spectral absolute intensities between those two
regions can thus be directly compared. At room temperature,
Fig. 7(a), the CL emission of the a-plane GaN mainly originates
from yellow band YB (ca. 550 nm) for the bright and the dark
regions. The signal from the GaN NBE (ca. 360 nm) is barely above
the noise level. Similar spectra are observed for the GaN at low
temperature (90 K), Fig. 7(b). Despite the lower temperature, the
GaN NBE signal is too low to dissociate possible different con-
tributions from the BSF or the D0X. The absolute intensity ratio of
the YB between the bright and dark region is 10:1 at room
temperature and 4:1 at low temperature. The very low intensity
of the GaN NBE is due to the excessively low V:III ratio (60) used
during the ﬁnal 2D growth step [46].
3.5. InGaN growth
Further investigation of the bright regions observed in Fig. 6
was performed by growing a 40 nm thick In0:05Ga0:95N layer on a
GaN ‘LT-SiN’ sample. During the growth of the InGaN, surface
defects such as dislocation pits tend to enlarge [33]. The resulting
InGaN layer is shown Fig. 8 using panchromatic CL (90 K) and AFM.
An exceptionally large bright region was chosen, so that the same
area could be isolated and characterised by CL and AFM. The
panchromatic CL image, Fig. 8(a), is similar to that of the GaN layer
(Fig. 6(a)–(c)) with a bright region against a dark background.
Spectral imaging at 90 K, Fig. 7(c), reveals that the CL signal has
two components: an InGaN related broad band at 400 nm and a
yellow band (YB) at 550 nm. Similarly to the GaN spectra, Fig. 7
(a) and (b), the intensity of the YB emission is very strong in the
bright region with an intensity ratio of 12:1 between the bright
and dark regions. However the InGaN-related emission (ca.
400 nm), Fig. 7(c), is here much stronger the GaN NBE, Fig. 7(b).
The intensity ratio of the InGaN emission is 4:1 between the bright
and dark regions. The differences in CL signal between the GaN
material and the InGaN layer may be due to the growth condi-
tions: standard growth for the InGaN layer compared to very low
V:III ratio for the underlying GaN material.
The trench bounding the bright regions on the InGaN layer is
clearly visible by AFM, Fig. 8(b), and was measured to be at most
50 nm deep. The AFM image, Fig. 8(c), taken at a higher resolution,
reveals small hillocks at the surface of the InGaN layer and also
shows pits related to the termination of dislocations. Compared to
the GaN surface, Fig. 2, the pits in the InGaN layer are larger,
deeper, and present a triangular shape (Fig. 8(c), black circles). The
orientation of the triangular vertex, pointing up or down, depends
on the position of the pits, inside or outside of the bright regions
(Fig. 8(c), white arrows).
4. Discussion
Here, we examine the results of the various characterisation
techniques applied to the a-plane GaN epilayer samples grown
using the ﬁve different MOVPE methods and we attempt to ﬁnd
parallels in their respective outcomes. In the process, we hope to
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Fig. 5. Variations of the energy of the D0X peak ED0X (observed by PL, Table 5) with
the out-of-plane strain ϵa (measured by XRD, Table 3). The line is the associated
linear ﬁt.
Table 5
Peak energies of the BSF and D0X emissions for the different samples. The typical
incertitude due to the peak width is 70.0010 eV for the BSF and 70.0015 eV for
the D0X.
Sample ED0X (eV) EBSF (eV)
LT-SiN 3.4950 3.4493
LT-3D 3.4896 3.4350
d3D-300 3.4940 3.4421
d3D-100 3.4921 3.4431
d3D-Si 3.4965 3.4522
Fig. 6. SEM and room temperature panchromatic CL images for sample ‘LT-SiN’ (a),
‘d3D-100’ (b) and ‘d3D-Si’ (c). The ‘SUM’ image to the right is a false color dataset
generated by summing color channels from the SEM (green channel) and the CL
images (red channel). Images (d)–(f) are high magniﬁcation DIC images of the
surface of samples ‘LT-SiN’ (d), ‘LT-3D’ (e) and ‘d3D-300’ (f).
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determine which growth method produces the highest quality
GaN epilayer.
We observe no obvious correlation when comparing the
samples' anisotropy in the XRD ω-FWHM of the symmetric
reﬂection along c and m with their respective threading disloca-
tions densities (TDDs) determined from AFM (see Tables 1 and 2).
For instance, the three direct growth samples ‘d3D-xxx’ have the
lowest TDDs as well as the highest anisotropy in XRD linewidth.
Correlation between the values of the XRD linewidth and the TDD
is also not supported by the data from both groups of sample, with
and without LTNL. Also, the two samples with similar ω-FWHM
values, ‘LT-3D’ and ‘d3D-Si’, differ in TDD by a factor of 2.
Furthermore, there seems to be no correlation between the XRD
linewidths and the D0X:BSF ratio from PL (see Tables 2 and 4). The
latter is not surprising as the XRD symmetric reﬂections (110) and
(220) are not sensitive to the phase translation induced by stacking
faults [47,48]. This absence of correlation between XRD ω-FWHM
and the BSF density is further reinforced by the equal values of the
ω-FWHM of the (110) and (220), for all in-plane directions (Table 2),
indicating that no limited lateral coherence length is broadening
the peak in our samples. Anisotropic wafer bowing is not a likely
reason either, as the curvature (Table 3) is higher along c while the
XRD ω-FWHM is generally lower in this direction.
The GaN surface roughness, which is noticeable in the optical
micrographs in Fig. 1, can also impact the XRD line-width. Surface
roughness distorts the thickness fringes perpendicularly to the sur-
face normal, which lies along ω–2θ scan direction for symmetric
reﬂections, (110) and (220). This effect should not be visible in our
data, Fig. 3, as the ω-scan axis is nearly orthogonal to the ω–2θ for
symmetric reﬂections [35]. Excessive surface roughness can lead to
partial relaxation of the ﬁlm [48]. Here, symmetric reﬂections are
naturally insensitive to in-plane (lateral) micro-strain due to geome-
trical considerations, but the out-of-plane micro-strain can still
broaden the reﬂections along the sample normal. For symmetric
reﬂections, this broadening also occurs along the ω–2θ axis, per-
pendicularly to the ω-scan direction, and therefore should not affect
our data. Consequently, the sample roughness observed after growth
does not impact directly the speciﬁc XRD parameters studied here
(FWHM anisotropy of the ω-scan of symmetric reﬂections) but it
could still correlate with other core material properties (speciﬁc
defects or dislocations) which could affect the ω-FWHM. After
eliminating the effects of some known parameters (wafer curvature,
lateral coherence length, threading dislocation densities, staking
faults densities) and in the absence of a more precise physical
description, we can only attribute the different broadening of the
(110) and the (220) reﬂection to a different microstructure and a
generic ‘anisotropic mosaic tilt’. Moram et al. [48] have also high-
lighted the absence of simple correlation between the defect
densities of a-plane GaN and the XRD linewidth of selected sym-
metric and asymmetric reﬂections.
The TDDs measured by AFM (Table 1) do not correlated well
with D0X:BSF ratios (Table 4), despite the previous observation
that a signiﬁcant fraction of the TDs are partial dislocations (PDs)
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Fig. 7. CL spectra of bright and dark regions. (a) GaN at room temperature. (b) GaN
at 90 K. (c) InGaN at 90 K. The signals from the dark areas are all multiplied by a
factor 2. (For interpretation of the references to color in this ﬁgure caption, the
reader is referred to the web version of this article.)
Fig. 8. Surface of 40 nm InGaN layer grown on ‘LT-SiN’ GaN. (a) Panchromatic CL image (90 K 5 kV) of a bright region. (b) Corresponding AFM image, z-scale 100 nm. (c) AFM
image, z-scale 50 nm, of the region enclosed by the dotted rectangle of image (b). The black circles indicate speciﬁc triangular pits and the white arrows the orientation of the
triangular vertex. The two zoomed-in areas highlight the two observed orientations.
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for TDDs below 6109 cm2 [32]. Whilst PDs appear at the
termination of BSFs, any attempt to correlate the BSF density
would require more detail, such as the typical length of the BSF
segments. This last parameter is likely to differ from sample to
sample, considering the various crystallite sizes and densities
observed during the initial stages of growth (see Fig. 1).
Although the growth methods employed here are quite varied
(sample are grown with or without a LTNL, with different
morphologies of the crystallites at the 3D growth step including
varying sizes, shape and areal densities), the material quality
remains low in comparison to c-plane GaN. In particular the
‘d3D-Si’ sample, did not outperform the other samples in the BSF
density measurement by PL (D0X:BSF ratio) despite some evidence
in the literature of BSF reduction in heavily Si-doped a-GaN
observed by CL [26]. The photoluminescence data presented here
suggest that the sample with the lowest BSF density is the ‘LT-SiN’
sample, which a previous study [17] suggests has a BSF density of
about mid 105 cm1.
Nevertheless, some general trends can be observed between the
two groups of samples: the ‘bright regions’ observed in Fig. 6
correlate well with the presence (‘LT-SiN’, ‘LT-3D’) or absence (‘d3D-
100’,‘d3D-300’,‘d3D-Si’) of a low temperature GaN nucleation layer
(LTNL). Further investigations based on the InGaN sample, Fig. 8,
reveal that the surface pits are rotated by 1801 between the bright
regions and the darker matrix. Asymmetric ‘triangular’ or ‘kite-
shaped’ pits related to threading dislocations are typical of non-
polar (In)GaN surfaces. The actual shape relates to the anisotropy of
the surface energy between the þc and the c direction [49] and
for a-plane GaN layers, the triangular vertex points in the þc
direction. The rotation of the pits by 1801 between the matrix and
the bright regions of the InGaN layer demonstrates that the latter
are inversion domains (IDs). The trench around the domains, Fig. 8
(a), is then the surface termination of the inversion domain
boundary. As the InGaN layer is grown epitaxially on the GaN
surface, a reasonable hypothesis is that some (perhaps most) of the
IDs found at the top of the InGaN layer originates from the
underlying GaN layer. From this hypothesis and the comparable
CL properties observed in Figs. 6–8, we conclude that the bright
regions observed by CL on the top of the GaN layer are IDs.
XRD symmetric scans over the whole range of ω (not shown)
from the sample with the largest density of bright regions (‘d3D-Si’)
only show a-plane GaN and r-plane sapphire reﬂections. This
suggests that the bright regions are also a-plane GaN material, which
supports the previous conclusion.
The stark contrast observed by CL between the IDs and the layer
(Fig. 6) mostly originates from yellow band emission, which is known
to be impurity related [50]. This suggests a higher impurity incor-
poration rate inside the IDs during the low V:III ratio growth.
However, unlike c-plane IDs which exhibit a different surface
chemistry and impurity incorporation rate [51], a-plane IDs only
differ from the surrounding matrix by the reversal of the in-plane
orientation. Consequently, the top surface of the a-plane IDs should
be of the same chemical nature as the rest of the a-plane layer. It is
thus unclear why any impurity incorporation or related CL should be
different. Indeed, the InGaN emission wavelength is similar inside
and outside of the IDs, Fig. 7(c), which indicates a comparable In
incorporation inside and outside of the IDs. Different light extraction
could explain the changes in the CL intensity but it is rather unlikely
that this would affect differently the InGaN emission and the YB. Yet
the intensity ratio between the bright and dark regions is very
different, 4:1 for the InGaN compared to 12:1 for the YB. The peculiar
CL emission observed from the a-plane GaN IDs grown at very low
V:III ratio remains thus unexplained.
In a simple attempt to quantify the presence of IDs, we
compute the ‘fraction of inverted surface’, fid. The latter is calcu-
lated from the CL images by computing the percentage of the
surface occupied by the bright regions over the total area. The
corresponding values are summarised in Table 6, after the analysis of
two CL images (2525 μm) for each sample of the ‘d3D-xxx’ group.
For the sample ‘LT-SiN’ and ‘LT-3D’, DIC microscopy (Fig. 6(d)
and (e)) are used instead of CL images, due to the extremely low
density of IDs. No value could be measured for sample ‘LT-3D’, as the
surface morphology does not allow for an easy ID identiﬁcation
from the DIC images, Fig. 6(e), and neither could IDs be found by
CL or AFM.
Qualitatively, the surface area of a typical ID in each sample
scales with the size of the 3D crystallite before coalescence as
shown in Fig. 1. Large IDs are found for large 3D crystallites, ‘d3D-Si’
(Figs. 1 and 6(c)), while smaller IDs are found for smaller crystallites,
‘d3D-100’ (Figs. 1 and 6(b)). For the GaN ﬁlms that are grown
directly on sapphire, this suggests that the inversion domains are
generated during the ﬁrst stages of the 3D growth step and that
they simply enlarge during the coalescence process (2D growth
step). It is clear that the ﬁlms grown with a LTNL show a near-
absence of IDs. A reversal of polarity in (0001) GaN ﬁlms is
generally associated with the extent of nitridation of the sapphire
surface and the annealing of the LTNL [52,53]. Adapting this
knowledge to the case of r-plane sapphire, it can be inferred that
the inversion domains are formed in those a-plane ﬁlms where the
sapphire is exposed and excessively nitridized during the initial
stages of the 3D GaN growth. The growth method(s) involving a
LTNL that protects the sapphire surface from over-nitridation thus
leads to GaN epilayers with almost no inversion domains.
5. Conclusion
We have studied the quality of a-plane GaN layers grown on
r-plane sapphire by different MOVPE methods. We ﬁnd that the
presence of a GaN low temperature nucleation layer (LTNL) or its
absence (direct growth) does not alter signiﬁcantly the ﬁnal
material quality in terms of 1D or 2D extended defects: threading
dislocations densities (TDDs) are in the low 109 cm2 regime and
basal plane staking faults densities are greater than 105 cm1. The
direct growth methods lead to ﬁlms with high densities of
inversion domains (IDs), which may cover up to 40% of the ﬁnal
surface. Without further optimization, the improvements brought
by direct growth methods are questionable and better quality
layers are produced using SiN x interlayers. The growth method
employing a LTNL combined with a single SiN x interlayer, ‘LT-SiN’,
shows the best overall characteristics: a relatively low TDD, almost
no IDs, the lowest BSF and PD/PSF signal in the 6K PL spectrum.
With a near isotropic XRD linewidth of ca. 0.141 (500 arcs) for
‘LT-SiN’ sample, the crystal quality reported in this work is
comparable, if not better, than most of the other hetero-epitaxial
a-plane GaN layer reported in the literature. Other growth recipes
also based on single or multiple SiN x interlayer [24,15] can yield
slightly better results (ca. 400 arcs).
This narrowω-FWHM could not be correlated with other physical
properties such as TD or BSF densities. This conclusion is of signiﬁcant
Table 6
Fraction of inversion domains at the sample sur-
face, fid, from the CL and DIC images (cf. Fig. 6).
Sample fid
LT-SiN o1%
LT-3D /
d3D-300 30–35%
d3D-100 23–27%
d3D-Si 37–41%
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importance for the ﬁeld of a-plane GaN layers, in which a signiﬁcant
fraction of the literature mainly relies on XRD to assess the crystal
quality of the layers [14–16,18–20,26,23,24,27,29]. The notable excep-
tions are Song et al. [21], Hao et al. [17], Chakraborty et al. [23], Araki
et al. [28] and Johnston et al. [25,22] with some additional AFM and
XRD characterizations by Moram et al. [35,32]. Defect densities
derived in these detailed studies are comparable to those of obtained
here. It is important to note that TEM is currently the only technique
that can quantitatively assess BSFs densities. DIC microscopy, AFM,
SEM and CL are powerful techniques that together can provide
quantitative results on the densities of TDs and IDs along with some
optical properties. However they can only provide qualitative results
for the density of BSFs, even when combined with dedicated low
temperature PL experiments such as in the present work. Therefore,
TEM studies are still required to properly quantify the density of BSFs
in a-plane GaN material and a better understanding is required to
make XRD analysis the principal tool for the quality control of non-
polar a-plane GaN epilayers, as it is for c-plane GaN ﬁlms.
Finally this study has shown that more work is required to ﬁnd
in situ growth methods that effectively reduce the density of
BSFs and TDs in a-plane GaN epilayers to less than 105 cm1 and
109 cm2 respectively.
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